
Nanoscale
Advances

PAPER

O
pe

n 
A

cc
es

s 
A

rt
ic

le
. P

ub
lis

he
d 

on
 0

4 
Ju

ly
 2

02
3.

 D
ow

nl
oa

de
d 

on
 7

/1
9/

20
25

 4
:4

3:
23

 A
M

. 
 T

hi
s 

ar
tic

le
 is

 li
ce

ns
ed

 u
nd

er
 a

 C
re

at
iv

e 
C

om
m

on
s 

A
ttr

ib
ut

io
n 

3.
0 

U
np

or
te

d 
L

ic
en

ce
.

View Article Online
View Journal  | View Issue
Strain-induced M
aDepartment of Physics, Graduate School

Republic of Korea
bNational Institute for Nanomaterials Techno

and Technology (POSTECH), Pohang, 376

postech.ac.kr
cDepartment of Materials-Energy Science a

Daegu University, Gyeongbuk 38453, Republ

Cite this: Nanoscale Adv., 2023, 5,
3887

Received 31st March 2023
Accepted 26th June 2023

DOI: 10.1039/d3na00206c

rsc.li/nanoscale-advances

© 2023 The Author(s). Published by
n valence state variation in
CaMnO3−d/substrate interfaces: electronic
reconstruction versus oxygen vacancies

Van-Hien Hoang, a Nam-Suk Lee *b and Heon-Jung Kim *ac

This study investigates the nanoscale crystalline and electronic structures of the interfaces between

CaMnO3−d and substrates such as SrTiO3 (001) and LaAlO3 (001) by employing advanced transmission

electron microscopy and electron energy loss spectroscopy techniques. The objective is to comprehend

the influence of different strains on the Mn valence state. Our findings reveal that the Mn valence state

remains relatively stable in the region of a weakly tensile-strained interface, whereas it experiences

a significant decrease from Mn4+ to Mn2.3+ in the region of a strongly tensile-strained interface. Although

this reduction in valence appears to be consistent with the electron reconstruction scenario, the

observed increase in the out-of-plane lattice constant at the interface implies the accumulation of

oxygen vacancies at the interface. Consequently, the present study offers a comprehensive

understanding of the intricate relationships among the Mn valence state, local structure, and formation

of oxygen vacancies in the context of two distinct strain cases. This knowledge is essential for tailoring

the interface properties and guiding future developments in the field of oxide heterostructures.
Introduction

Perovskite oxides (ABO3) are a diverse group of materials that
showcase a range of unique properties, such as high-
temperature superconductivity, colossal magnetoresistance,
and various magnetic and ferroelectric orders.1,2 La0.7Ca0.3-
MnO3 (LCMO) and related compounds are of great interest due
to their interplay between lattice, spin, and charge degrees of
freedom, resulting in half-metallicity, ferromagnetism at room
temperature, and colossal magnetoresistance, making it an
ideal platform for various applications. While bulk LCMO is
a metallic ferromagnet, ultrathin LCMO lms become insula-
tors with reduced magnetization below a critical thickness of
2 nm (or 4 unit-cells).3 This phenomenon referred to as a “dead
layer”, is where magnetic and metallic properties are sup-
pressed and remains largely a mystery despite extensive inves-
tigation. While some researchers attribute the dead layer to
structural disorder or chemical modication,4,5 others suggest it
could be due to oxygen coordination, interfacial oxygen octa-
hedral rotation, interfacial strain, and oxygen vacancy
concentration.6–9 To gain a deeper understanding of the dead
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layer's origin, researchers are using interface-selective probing
techniques like magnetization-induced second-harmonic
generation10 and high-resolution transmission electron
microscopy (HRTEM).11–14 However, the interplay between
structural strain, oxygen stoichiometry, and chemical compo-
sition remains poorly understood. In this study, we address this
issue.

Heterostructures are frequently used in various applications
where interfaces play a critical role in determining their prop-
erties. Several factors such as strain, charge transfer, and spin-
exchange interactions can signicantly impact the magnetic
and electronic properties of interfaces.15–17 It is crucial to care-
fully control the interfaces between two materials, as they can
exhibit new physical properties that are not present in the
individual materials. In this case, electrostatic boundary
conditions can play a crucial role in controlling the atomic and
electronic structures at the interface. For instance, the polar
discontinuity across the interface can cause severe roughening
or signicant reconstruction as a means of avoiding the
diverging electrostatic potential.18,19 In perovskite oxides con-
taining a transition metal, mixed-valence states allow for elec-
tronic reconstruction at the interface, which helps overcome the
polar discontinuity. This redistribution of electrons at the
interface leads to the suppression of the electrostatic
potential.19

The accumulation of charged defects or impurities, such as
oxygen vacancies, can also circumvent the polar discontinuity at
the interface. This leads to an interface electronic structure that
deviates from the bulk structure. This may result in signicant
Nanoscale Adv., 2023, 5, 3887–3895 | 3887
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consequences, as enhanced oxygen vacancies near the interface
can play a crucial role. For instance, the concentration of oxygen
vacancies in heterostructures has been linked to signicant
changes in electrical resistance, which leads to a metal-
insulator transition.20 The presence of a conducting electron
layer between two bulk insulators, such as STO and LAO, has
gained considerable attention. Although initially attributed to
polar discontinuities leading to the formation of an electron gas
at the interface,21 recent studies suggest that electron doping is
mainly due to oxygen vacancies in the STO layer during
growth.22,23 Furthermore, oxygen vacancies near interfaces are
believed to be responsible for magnetism found in non-
magnetic heterostructures24,25 and are thought to contribute to
their catalytic activity.26,27 These ndings highlight the impor-
tance of manipulating oxygen vacancies in determining the
emergent properties of heterostructures, and further control of
oxygen vacancy concentration and distribution are necessary.
To fully understand and apply oxide heterostructures, it is
crucial to study the relationship between oxygen vacancies and
the valence state of the B-site cation at the interface. However,
this is a challenging task due to the small length scale and
complex structure and chemistry at interfaces. So far, only a few
measurements have provided direct information about the
valence state distribution at the interface.

We studied CaMnO3−d (CMO) thin lms grown on (001)-
oriented LAO and STO substrates using pulsed laser deposition
(PLD) to gain insight into the interface between the lm and
substrate. The substrates were selected to impose different
strain effects on the lms; the STO substrate imposed strong
tensile stress, while the LAO substrate imposed weak tensile
stress. In the past, several experimental and theoretical studies
have been conducted on tensile strain-induced interfacial
oxygen vacancies. For example, Ulrich Aschauer et al. have
investigated the stability of biaxially strained Pnma perovskites
CMO towards oxygen vacancies using rst-principle calcula-
tions. They found that the energetics of oxygen vacancy
formation in biaxially strained CMO lms with Pnma structure
are strongly inuenced by strain, with tensile strain favoring
oxygen vacancy formation.28 However, no studies comparing the
accumulation of oxygen vacancies at the interface between lms
grown on different substrates have been conducted.

The method involves analysing the core-loss in the
characteristic L edge of transition metals, which is caused by
the excitation of two p-levels to three largely unoccupied levels.29

The relative intensities, shapes, and threshold energies of the L2
and L3 peaks are used to quantify the number of d-electrons.30

Additionally, changes in the O-K near-edge ne structure can
also indicate modications in the d-oxidation state, which can
be used to obtain information on the d-band occupancy (i.e.,
valence or oxidation states).31,32 As a result, core-loss EELS can
be utilized to determine the valence state of transition metals.

Experimental section

In this study, two tri-layers of CMO/LCMO/CMO were grown on
LAO (001) and STO (001) substrates using a pulsed laser depo-
sition (PLD) technique. The top and bottom CMO layers had
3888 | Nanoscale Adv., 2023, 5, 3887–3895
a xed thickness of 4 nm in both samples, while the middle
LCMO layers had thicknesses of 30 nm on LAO (lm A) and
4 nm on STO (lm B). A comparison was made with a bilayer of
LCMO/CMO/STO (001) sample (lm C), which was grown under
the same conditions as the above two samples. The thicknesses
of CMO and LCMO in this sample were 4 nm and 30 nm,
respectively. In their bulk forms, CMO and LCMO have lattice
parameters of 3.72 Å and 3.86 Å, respectively. The lms were
expected to experience weak tensile strain along the in-plane of
the LAO substrate (a = 3.79 Å), while strong tensile strain was
expected through the STO substrate (a = 3.905 Å). The growth
temperature was 700 °C and the partial oxygen pressure was
10−1 torr, with a laser uence of 1.0 J cm−2 and a laser frequency
of 2 Hz. Aer deposition, the samples were cooled down to room
temperature at an oxygen pressure of 500 torr. The CMO and
LCMO polycrystalline targets of high quality were synthesized
using the solid-state reaction presented elsewhere.33 The
samples were characterized for their crystallinity using X-ray
diffraction with synchrotron radiation at the 3A beamline of
the Pohang Light Source (PLS) in South Korea. We mainly
investigated the lm/substrate interface.

The thin lms were analyzed using cross-sectional scanning
transmission electron microscopy (STEM) and electron energy
loss spectroscopy (EELS). Samples were cut along the [100]
direction of both LAO and STO and prepared for STEM exami-
nation through mechanical grinding, polishing, and dimpling,
followed by Ar-ion milling at 4.5 kV. Energy-loss spectra were
acquired on a Philips CM200 FEG electron microscope oper-
ating at 200 kV. Elemental mapping for elements La, Ca, Sr, Al,
Mn, and Ti was performed using a multiple linear least square
tting method. Energy-loss near-edge structure analysis was
performed with a 0.5 eV per channel dispersion and an energy
resolution of 2.3 eV, as measured by the full-width at half-
maximum of the zero-loss peak.

Results and discussion

The sample structure was analyzed using X-ray diffraction, as
described in the previous report.34 The thin lms were further
examined using STEM, and the resulting images are presented
in Fig. 1(a)–(c) for lms A, B, and C, respectively. The EELS
measurements were taken at 11 positions indicated by hori-
zontal arrows. The images reveal a sharp atomic-scale interface
between the bottom CMO layers and substrates, with the CMO
layers appearing darker and the substrates appearing brighter.
All atomic columns are resolved in the images, except for O
columns, which exhibit weak electron scattering. The lattice
fringes extend across the interface from the substrate to the
lm, with no visible defects or cation intermixing.

Cross-sectional images in the vicinity of interfaces of lms A,
B, and C are presented in Fig. 2(a)–(c), viewed along the [001]
zone axis. Large views of STEM and energy-dispersive X-ray
spectroscopy (EDS) images to conrm the uniformity of the
heterostructures were presented in the previous report.34 The
fast Fourier transform (FFT) images of the regions denoted by
red dashed boxes in the corresponding STEM are displayed on
top of Fig. 2(a)–(c). The reection peaks from (001), (110), and
© 2023 The Author(s). Published by the Royal Society of Chemistry
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Fig. 1 The HAADF-STEM images of films A (a), B (b), and C (c) were taken in the cross-sectional direction along the [100] zone axis, and the 11
positions at which EELS were measured are marked by horizontal arrows. The images show the film/substrate interfaces. The bottom CMO layer
has a thickness of approximately 4 nm.
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(100) planes, which constitute a pseucubic structure, conrm
that the octahedra are not rotated or tilted along the growth
direction. To further clarify the epitaxial relationship, we
ltered the STEM images using inverse Fourier transform pro-
jected along the [001] and [110] directions, as shown in
Fig. 2(d)–(f) and (g)–(i), respectively. For lm A, no mist
dislocation core is observed in either projection direction
[Fig. 2(d) and (g)]. In contrast, for lms B and C, mist dislo-
cation cores are detected in the [110] projection near the
interface between the lm and the substrate, as marked by the
Fig. 2 The interface between the films and substrates was analyzed using
B, and C near the interface between the film and substrate, respectively.
images are shown in FFT images on the top. (d)–(f) and (g)–(i) Inverse
corresponding to (a), (b), and (c), respectively. The misfit dislocation co
region.

© 2023 The Author(s). Published by the Royal Society of Chemistry
yellow dashed box [Fig. 2(h) and (i)]. This result agrees with the
reciprocal space mapping (RSM) measurement in the previous
report,34 where additional broadening of the lm spot was
observed in the RSMmeasurement due to the presence of mist
dislocations.35 These ndings suggest the existence of mist
dislocations in the strongly tensile-strained interface on the
STO substrate, as revealed by the STEM images.

We used Mn-L3,2 and O-K core loss edges to explore the
electronic structures of the lm/substrate interfaces.
Fig. 3(a)–(c) showMn-L3,2 edges for 11 different positions across
HAADF-STEM and FFT images. (a)–(c) HAADF-STEM images of films A,
The areas marked with red dashed squares in the corresponding STEM
FFT lattice fringe images, projected in the [001] and [110] directions,
re near the film/substrate interface is indicated by the yellow dashed

Nanoscale Adv., 2023, 5, 3887–3895 | 3889
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Fig. 3 (a)–(c) The Mn L3,2 and O-K edges (d)–(f) position-dependent
EELS spectra were obtained across the film/substrate interface for
films A, B, and C, respectively. Spectra were extracted from positions 1
to 11, as indicated in Fig. 1, with the bolder spectrum indicating the
interface position. For clarity, the spectra were vertically displaced.
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the interfaces, marked as horizontal arrows in Fig. 1(a)–(c) for
lms A, B, and C, respectively. Spectra 1–5 were acquired from
the lms, spectra 7–11 from the LAO (STO) substrate, and
spectrum 6 from the interfacial position (bolder marked lines).
The Mn-L edges consist of two peaks, L3 and L2 lines,31,32,36,37

which were found around 641 eV and 651 eV, respectively.
Fig. 3(d)–(f) display the O-K edges for lms A, B, and C,
respectively. The O-K EELS shows three main peaks: a pre-peak
positioned at ∼528 eV, a second peak around ∼535 eV, and the
third peak at about ∼541 eV.13,31,32
Fig. 4 (a) Graph illustrating a generic Mn L3,2 spectrum, as well as the app
the window used for scaling the step function. After scalling and substrac
and L2 (S3 + S4) lines are integrated, and their ratios are calculated. (b) O-
The normalized pre-peak intensity is represented by the relative area un

3890 | Nanoscale Adv., 2023, 5, 3887–3895
The Mn valence states were estimated from the Mn L3/L2
white-line intensity ratios, as detailed in Fig. 4(a).31,38,39 Aer
removing the background below the Mn L3,2 edge by using
a power law t, we scale a step function and subtract it from the
Mn L3,2 edge to remove the continuum contribution. A 13 eV
wide window placed right aer the L2 line is used for scaling.
These windows are the rst at the onset of the L3 line and the
second next to it. Based on the multiplicity of the initial states
(four 2p3/2 electrons and two 2p1/2 electrons), the ratio of the
step heights h1 and h2 is chosen to be 2 : 1.40 In the next step, the
remaining signal under the corrected L3 (S1 + S2) and L2 (S3 + S4)
lines was integrated within two 13 eV wide windows. Using the
integrated intensity values, the L3,2 intensity ratio was calcu-
lated.38 From the L3,2 ratio, Mn valence was estimated.31 The
obtained Mn valence states for lms A, B, and C are shown as
blue solid squares and lines in Fig. 5(a)–(c), respectively,
revealing a clear trend of decreasing Mn valence state from the
bottom CMO layer towards the substrate interface. This trend is
consistent with previous reports on LaxSr1−xMnO3, (La, Ca)
MnO3 and TbMnO3 grown on STO substrates.13,41–43 However,
the reduction in Mn valence near the lm/substrate interface
for lms B and C (∼+2.3) is much larger than that for lm A
(∼+3.5).

The Mn valence state is also estimated based on O-K edges.
The method for estimating is presented in Fig. 4(b).31,32,44 First,
a power-law function was applied to subtract the background.
Then tting of the normalized O-K spectra was carried out by
means of a Shirley background and Lorentzian–Gaussian
functions combined. Three components were deconvoluted
from the resultant spectra. Peak 1 of the O-K EELS results from
the excitation of O 1s core electrons into unoccupied O p
orbitals hybridized with Mn 3d orbitals, which are sensitive to
the occupancy of the 3d band. In peak 2, unoccupied O 2p
orbitals are hybridized with Ca 4d orbitals, and in peak 3, Ca
4sp orbitals are hybridized with Mn 4sp orbitals.11,31,32 Lastly,
normalized pre-peak intensity is represented by the relative area
under the tting curves for peak 1 (solid olive) and peak 2 (solid
green). Based on the normalized pre-peak intensity value, the
roximate location of the windows integrating L3 and L2 line. This is also
tion of this function, all remaining signals under the dashed L3 (S1 + S2)
K edges were additionally employed to estimate the Mn valence state.
der the fitting curves for peak 1 (solid olive) and peak 2 (solid green).

© 2023 The Author(s). Published by the Royal Society of Chemistry
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Fig. 5 (a)–(c) The Mn valence state varies with the position near the film/substrate interfaces for films A, B, and C, respectively. The valence state
was estimated using two methods: Mn L3/L2 white-line ratio [blue symbols and lines] and O-K edge [red symbols and lines]. The positions where
the valence state was measured are indicated by red dashed boxes in the bottom STEM images.
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Mn valence was estimated.31 As expected, the Mn valence states
obtained from the O-K edge (red circles and lines in
Fig. 5(a)–(c)) in the vicinity of the lm/substrate interfaces show
a similar trend with a dependence on a position as that from the
Mn-L3,2 edge.

The distribution of Mn valence states at the lm/substrate
interface is found to depend on the substrate, with a signi-
cant reduction occurring near the strongly tensile-strained
interface. As CMO and STO are nonpolar along the [001]
direction, electronic reconstruction is unlikely in the CMO/STO
interface, making the sharp decrease in the Mn valence state
likely due to the accumulation of oxygen vacancies at the
interface. Several previous studies have also reported the pres-
ence of oxygen vacancies at the lm/substrate interface.13,14,41

Additionally, the accumulation of oxygen vacancies in the
strongly tensile strained CMO lms using rst-principle calcu-
lations have been reported.28

The Mn valence state reduction observed at the lm/
substrate interface in tensile-strained lms could also be
Fig. 6 Local lattice parameters near the film/substrate interfaces: (a)–(c)
circles) constants of films A, B, and C, respectively, close to the interface
employed to estimate the local lattice constants from the HAADF-STEM i
in the HAADF-STEM images indicate the atomic positions across the in
represent the standard error for each lattice layer. (d) The (c/a) − 1 valu
lines), B (violet solid circles and lines), and C (green solid squares and line
mark the interface position.

© 2023 The Author(s). Published by the Royal Society of Chemistry
affected by mist dislocations. The mist dislocations may
result in higher oxygen defect concentration at the interface
than in the bulk due to a decrease in oxygen vacancy formation
energy in the dislocation core.45 This is consistent with the
inverse FFT images shown in Fig. 2(h) and (i), where the mist
dislocation cores can be observed near the interface between
lms and substrates. Another possibility for the sharp reduction
in the Mn valence state at the interface could be the formation
of a second phase due to cation non-stoichiometry. For
instance, an epitaxial thin layer of Ruddlesden-Popper (La2Sr2-
Mn3O10) structure with n = 3 has been achieved by sequential
deposition of (La1−xSrxMnO3)n and SrO layers using the PLD
technique.46 However, no such interface phase was observed in
the pseucubic structure of the CMO layer of lms B and C as
observed in Fig. 2.

To investigate the local structure at the lm/substrate
interface with atomic resolution, we used a 2D Gaussian func-
tion to t the atomic B–B columns from the ADF-STEM images,
and calculated the local lattice constants.47 Here B represents
display the local c-axis (blue solid square) and in-plane lattice (red solid
between the film and substrate. The 2D Gaussian function fitting was

mages, with respect to the substrate (reference). The red dashed boxes
terface where the local lattice constants were determined. Error bars
es near the film/substrate interfaces for films A (black solid circles and
s) were calculated as a function of position. Vertical blue dashed lines

Nanoscale Adv., 2023, 5, 3887–3895 | 3891
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the B-site ion, Mn in the present case. We measured the lattice
constant relative to that of the substrate as a reference, along
the out-of-plane and in-plane directions. Fig. 6(a)–(c) show the
in-plane (solid red circles) and out-of-plane (solid blue rectan-
gles) lattice constants as a function of atomic position at the
interfacial region for lms A, B, and C, respectively. The in-
plane lattice distances of the bottom CMO layer are similar to
those of the substrates and the values calculated from XRD data
for all lms.34 However, while the out-of-plane lattice constant
of lm A decreases slightly from the LAO substrate to the
bottom CMO layer, lms B and C show a slight increase in the
out-of-plane lattice constant from the STO substrate to the
interface, then a sharp decrease from the interface towards the
bottom CMO layer. Note that the out-of-plane lattice parameter
of the bottom CMO layer, as measured by STEM image, is
smaller than the value obtained from the XRD experiment. This
difference occurs because the out-of-plane lattice constant
extracted from X-ray represents an average of both LCMO and
CMO layers.

Fig. 6(d) provides a clearer view of how the local lattice
constant behaves when considering the c/a − 1 value, which
assesses the degree of tetragonality of each unit cell. It is
noteworthy that while the c/a − 1 value remains nearly constant
across the interface in lm A, lms B and C exhibit the
maximum value at the interface (position 6). The Poisson effect
predicts that the interfacial lattice in the out-of-plane direction
should be compressed due to the stretching of the in-plane
lattice. However, Fig. 6(b) and (c) do not show this behavior
exactly at the interface. Instead, the unit cell precisely at the
interface expands along the out-of-plane direction. The out-of-
plane lattice expansion at the interface is not solely due to
stress and also related to the reduction of the Mn valence for the
strongly tensile-strained interface.

Our main nding is that strong tensile strain leads to
a signicant reduction in the Mn valence state, accompanied by
an increase in oxygen vacancy concentration. This phenomenon
is likely to result in an expansion of the unit-cell volume at the
interface region.28 Note that, since the radius of Mn4+ ion (0.53
Fig. 7 (a) and (b) EELS spectra at the Ti-L3,2 edge were measured
across the film/substrate interfaces for films B and C, respectively at 11
different positions as indicated in Fig. 1. The peak positions of Ti-L3,2
remain unchanged from columns 6 to 11 for both films, indicating that
the valence states of Ti remain constant on the STO side of the
interface. The interface position (position 6) is marked by bold spectra.
The spectra have been vertically displaced for clarity.

3892 | Nanoscale Adv., 2023, 5, 3887–3895
Å) is smaller than that of Ti4+ ion (0.60 Å), cationic interdiffu-
sion at the interface also leads to a sharp increase in the out-of-
plane-lattice constant. Nevertheless, this is not consistent with
Ti-L3,2 spectra observed in Fig. 7(a) and (b). Energy-loss near-
edge ne structures in the Ti-L3,2-edge can provide funda-
mental information on cation ordering and defect clustering
such as oxygen vacancies.31,48 Based on the splitting of the 3d
state into t2g and eg components, four main peaks can be seen
in atomic-resolution EELS of Ti-L3,2 edges. Ti valence state
decreases as the eg peak positions shi to lower energies.48

However, the peak shi was not observed in Fig. 7(a) and (b),
indicating almost no change in the Ti4+ valence state near the
interface.

Furthermore, EDS measurements show no cation inter-
diffusion across the lm/substrate interface as discussed in
the next. Notably, the Mn valence, not only at the interface but
also in the entire sample of the CMO layer, is reduced compared
to the value of the CMO bulk, implying the accumulation of
oxygen vacancies throughout the entire CMO lm. This is
consistent with a slight expansion in the out-of-plane lattice
constant in the bottom CMO layers, even away from the lm/
substrate interface, as observed in Fig. 6.

EDS elemental mapping was used to study the chemical
distribution around the lm/substrate interface. Fig. 8(a)–(c)
show the results for lms A and B, with the elements repre-
sented in different colors. A uniform distribution of elements
was observed in the lms and substrates, and there was no
appreciable interdiffusion of elements at the chemically distinct
interface between the bottom CMO layer and substrate. The
contribution of elements is more clearly seen in Fig. 8(b) and
(d), where net counts are plotted as a function of distance, ob-
tained by averaging the EDS results across the interfaces along
the yellow marked lines of TEM images below. Chemical
boundaries identied by the EDS signal correspond closely with
sharp interfaces revealed by STEM, indicating no appreciable
interdiffusion of atoms. However, direct observation of an
increase in oxygen vacancy concentration at the interface region
is not possible from Fig. 8 (a) and (d). Instead, the abrupt
decrease in valence [Fig. 5(b) and (c)] and the small peak of
tetragonality [Fig. 6(d)] at the interface serve as two smoking-
gun ngerprints for the increase in oxygen vacancy concentra-
tion. In our previous study,34 we demonstrated that the abrupt
decrease in valence is a result of electron loss from the oxygen
atoms, which have converted into oxygen vacancies. The small
peak of tetragonality is attributed to the crystal structure
distortion around the oxygen vacancies.

Two potential causes of low Mn valence (Mn2.3+) at the
strongly tensile strained interface are the electronic recon-
struction induced by polar discontinuity and the accumulation
of oxygen vacancies. Polar discontinuity originates from the
mismatch between the polarities of the two materials at the
interface, resulting in the formation of charged layers. These
layers are subsequently screened by the accumulation of elec-
trons, which may give rise to the emergence of low Mn valence
states. This phenomenon has indeed been extensively observed
in various oxide heterostructures, such as LaAlO3/SrTiO3 (ref. 21
and 49) and LaMnO3/SrTiO3.50,51 Conversely, the accumulation
© 2023 The Author(s). Published by the Royal Society of Chemistry
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Fig. 8 EDSmapping and line scan for film A [B]. (a) [(c)] EDS elemental mapping. (b) [(d)] EDS line scans plotted as a function of distance along the
yellow line marked in the cross-sectional TEM images below.
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of oxygen deciencies at the interface can also lead to the
formation of low Mn valence states. Oxygen vacancies can
function as electron donors, stabilizing the Mn2.3+ valence state.
The latter scenario is considered less suitable, as electronic
reconstruction typically occurs at interfaces with polarity
discontinuity. However, no such polarity discontinuity exists at
the interface between CMO and STO. Furthermore, we observed
a structural change at the interface, accompanied by a valence
change. This observation supports the scenario of oxygen
accumulation as the primary cause. In light of these ndings,
the accumulation of oxygen vacancies emerges as the more
plausible mechanism for the formation of lowMn valence states
at the strongly tensile strained interface, as opposed to the
electronic reconstruction induced by polar discontinuity.
Further investigation is necessary to deepen our understanding
of this phenomenon and its implications for the properties of
oxide heterostructures. Note that structural changes may occur
in a defective interface with a very low valence state. For
example, the formation of a CaMnO2.5 brownmillerite-like
structure (Mn valence of +3) might exist at the interface,
where oxygen vacancies are ordered in a zig-zag arrangement, as
reported in ref. 52. Nevertheless, there are other factors that
prevent this change. Firstly, the oxygen-decient interface with
an ideal perovskite structure can be unstable or metastable,
which means it could eventually transform into another struc-
ture in the bulk material. However, in our case, the oxygen-
decient structure is localized near the interface region. Even
if the structure near the interface region is unstable or meta-
stable, the overall stability of a given structure is determined by
other parts of the sample that occupy the majority of the sample
volume.
© 2023 The Author(s). Published by the Royal Society of Chemistry
Finally, we will discuss the implications of the change in the
Mn valence state in the lm, particularly regarding its impact on
the lm/substrate interface. The two types of substrates result in
distinct distributions of the corresponding Mn valence states at
the interface. In the weakly tensile-strained lm, the Mn valence
of +3.5 is observed, while the strongly tensile-strained lm
exhibits an Mn valence of +2.3. Mn3.5+ represents an interme-
diate valence state of manganese. According to the bulk phase
diagram, Mn3.5+ lies on the threshold of both ferromagnetic
(FM) metallic and antiferromagnetic (AFM) insulating phases.
As a result, the weakly tensile-strained heterointerface could, in
principle, enable the switching on/off of the metallic/insulating
nature using a weak perturbation, presenting valuable potential
applications in electrical sensors. On the other hand, the Mn
valence state of +2.3 suggests that the strongly tensile strained
interface between the lm and substrate is electron-doped.
Electron-doped manganites based on CMO have been less
frequently studied due to their complex phase diagrams.
Despite this, these materials continue to attract attention in the
research community. Several studies have investigated the
properties of electron-doped manganites, such as Ca1−xBix-
MnO3,53 Ca1−xLaxMnO3−d,54,55 and Ca1−xCexMnO3−d.56,57 Addi-
tionally, the reduction of the valence state can potentially
explain the origin of the dead layer at the interface region.
Several studies have provided evidence that the dead layer is not
solely attributed to the thickness in manganate perovskite oxide
heterostructures, but also to changes in interfacial strain,58

oxygen coordination,6 interfacial oxygen octahedral rotation,7

and concentration of oxygen vacancies.8 Therefore, the question
of whether a dead layer exists in our samples poses an inter-
esting topic that we will investigate in the future.
Nanoscale Adv., 2023, 5, 3887–3895 | 3893

http://creativecommons.org/licenses/by/3.0/
http://creativecommons.org/licenses/by/3.0/
https://doi.org/10.1039/d3na00206c


Nanoscale Advances Paper

O
pe

n 
A

cc
es

s 
A

rt
ic

le
. P

ub
lis

he
d 

on
 0

4 
Ju

ly
 2

02
3.

 D
ow

nl
oa

de
d 

on
 7

/1
9/

20
25

 4
:4

3:
23

 A
M

. 
 T

hi
s 

ar
tic

le
 is

 li
ce

ns
ed

 u
nd

er
 a

 C
re

at
iv

e 
C

om
m

on
s 

A
ttr

ib
ut

io
n 

3.
0 

U
np

or
te

d 
L

ic
en

ce
.

View Article Online
Conclusions

Using spherical-aberration-corrected analytical scanning
transmission electron microscopy and electron-energy-loss
spectroscopy, we conrm the interplay between valence state,
local structure, and oxygen vacancy near the lm/substrate
interface of the bottom CMO layer grown on different
substrates. Our results show that the Mn valence state of the
weakly tensile-strained lm decreases monotonically from the
CMO layer towards the lm/substrate interface, while a region
with an elongated out-of-plane lattice parameter and an
abruptly lowered Mn valence state is observed near the interface
of the strongly tensile-strained lm. The signicant reduction of
the Mn valence state and the change in the local out-of-plane
lattice constant for the strongly tensile-strained lm are
attributed to the presence of oxygen vacancies at the interface.
These ndings provide new insights into the control of interface
properties through strain-driven thin-lm technology.
Author contributions

H.-J. Kim conceived the experiment's main idea. V.-H. Hoang
prepared the samples, analysed the data, and wrote the original
dra of the manuscript with assistance fromH.-J. Kim. N.-S. Lee
performed the STEM-EELS experiments. All authors contrib-
uted to comments and revision of the manuscript.
Conflicts of interest

There are no conicts to declare.
Acknowledgements

This research was supported by the Basic Science Research
Program through the National Research Foundation of Korea
(NRF) funded by the Ministry of Science, ICT & Future Planning
(2021R1A2C2005162 and 2021R1A4A3029839). N. S. Lee was
supported by the Commercialization Promotion Agency for R&D
Outcomes (COMPA) funded by the Ministry of Science and ICT
(MSIT) (2021-RE-G02, Development of In-situ IV measurement
TEM holder).
References

1 Y. Tokura and Y. J. Tomioka, J. Magn. Magn. Mater., 1999,
200, 1–23.

2 A. Urushibara, Y. Moritomo, T. Arima, A. Asamitsu, G. Kido
and Y. Tokura, Phys. Rev. B: Condens. Matter Mater. Phys.,
1995, 51, 14103.

3 H. Boschker, J. Kautz, E. P. Houwman, W. Siemons,
D. H. Blank, M. Huijben, G. Koster, A. Vailionis and
G. Rijnders, Phys. Rev. Lett., 2012, 109, 157207.

4 R. Borges, W. Guichard, J. Lunney, J. Coey and F. J. Ott, J.
Appl. Phys., 2001, 89, 3868–3873.

5 J. Sun, D. Abraham, R. Rao and C. Eom, Appl. Phys. Lett.,
1999, 74, 3017–3019.
3894 | Nanoscale Adv., 2023, 5, 3887–3895
6 D. Kan, R. Aso, R. Sato, M. Haruta, H. Kurata and
Y. Shimakawa, Nat. Mater., 2016, 15, 432–437.

7 Z. Liao, M. Huijben, Z. Zhong, N. Gauquelin, S. Macke,
R. Green, S. Van Aert, J. Verbeeck, G. Van Tendeloo and
K. Held, Nat. Mater., 2016, 15, 425–431.

8 H. Boschker, M. Mathews, E. P. Houwman, H. Nishikawa,
A. Vailionis, G. Koster, G. Rijnders and D. H. Blank, Phys.
Rev. B: Condens. Matter Mater. Phys., 2009, 79, 214425.

9 Z. Liao, N. Gauquelin, R. J. Green, S. Macke, J. Gonnissen,
S. Thomas, Z. Zhong, L. Li, L. Si and S. Van Aert, Adv.
Funct. Mater., 2017, 27, 1606717.

10 H. Yamada, Y. Ogawa, Y. Ishii, H. Sato, M. Kawasaki,
H. Akoh and Y. Tokura, Science, 2004, 305, 646–648.

11 J.-L. Maurice, D. Imhoff, J.-P. Contour and C. Colliex, Philos.
Mag., 2006, 86, 2127–2146.

12 T. Riedl, T. Gemming, K. Dörr, M. Luysberg and K. Wetzig,
Microsc. Microanal., 2009, 15, 213–221.

13 H. Wang, V. Srot, X. Jiang, M. Yi, Y. Wang, H. Boschker,
R. Merkle, R. W. Stark, J. Mannhart and P. A. van Aken,
ACS Nano, 2020, 14, 12697–12707.

14 P. Rajak, D. Knez, S. K. Chaluvadi, P. Orgiani, G. Rossi,
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A. Barthélémy, Phys. Rev. B: Condens. Matter Mater. Phys.,
2006, 73, 064403.

23 W. Siemons, G. Koster, H. Yamamoto, W. A. Harrison,
G. Lucovsky, T. H. Geballe, D. H. Blank and M. R. Beasley,
Phys. Rev. Lett., 2007, 98, 196802.

24 A. Brinkman, M. Huijben, M. Van Zalk, J. Huijben, U. Zeitler,
J. Maan, W. G. van der Wiel, G. Rijnders, D. H. Blank and
H. Hilgenkamp, Nat. Mater., 2007, 6, 493–496.

25 L. Li, C. Richter, J. Mannhart and R. Ashoori, Nat. Phys.,
2011, 7, 762–766.

26 M. Sase, F. Hermes, K. Yashiro, K. Sato, J. Mizusaki,
T. Kawada, N. Sakai and H. Yokokawa, J. Electrochem. Soc.,
2008, 155, B793.

27 Y. Chen, Z. Cai, Y. Kuru, W. Ma, H. L. Tuller and B. Yildiz,
Adv. Energy Mater., 2013, 3, 1221–1229.

28 U. Aschauer, R. Pfenninger, S. M. Selbach, T. Grande and
N. A. Spaldin, Phys. Rev. B: Condens. Matter Mater. Phys.,
2013, 88, 054111.
© 2023 The Author(s). Published by the Royal Society of Chemistry

http://creativecommons.org/licenses/by/3.0/
http://creativecommons.org/licenses/by/3.0/
https://doi.org/10.1039/d3na00206c


Paper Nanoscale Advances

O
pe

n 
A

cc
es

s 
A

rt
ic

le
. P

ub
lis

he
d 

on
 0

4 
Ju

ly
 2

02
3.

 D
ow

nl
oa

de
d 

on
 7

/1
9/

20
25

 4
:4

3:
23

 A
M

. 
 T

hi
s 

ar
tic

le
 is

 li
ce

ns
ed

 u
nd

er
 a

 C
re

at
iv

e 
C

om
m

on
s 

A
ttr

ib
ut

io
n 

3.
0 

U
np

or
te

d 
L

ic
en

ce
.

View Article Online
29 P. Rez and D. A. Muller, Annu. Rev. Mater. Res., 2008, 38, 535–
558.

30 H. Jang, D. Felker, C. Bark, Y. Wang, M. K. Niranjan,
C. Nelson, Y. Zhang, D. Su, C. Folkman and S. J. S. Baek,
Science, 2011, 331, 886–889.

31 M. Varela, M. Oxley, W. Luo, J. Tao, M. Watanabe,
A. R. Lupini, S. Pantelides and S. Pennycook, Phys. Rev. B:
Condens. Matter Mater. Phys., 2009, 79, 085117.

32 S. Kobayashi, Y. Tokuda, T. Mizoguchi, N. Shibata, Y. Sato,
Y. Ikuhara and T. Yamamoto, J. Appl. Phys., 2010, 108,
124903.

33 N. Boora, P. Rani, V. Nagal, S. Rahman, V. S. Awana and
A. Haz, 2020.

34 V.-H. Hoang, Y. A. Salawu, T.-Y. Koo, N.-S. Lee and H.-J. Kim,
APL Mater., 2023, 11, 041106.

35 T. Sasaki, H. Suzuki, M. Takahasi, Y. Ohshita, I. Kamiya and
M. J. Yamaguchi, J. Appl. Phys., 2011, 110, 113502.

36 D. Pearson, C. Ahn and B. Fultz, Phys. Rev. B: Condens. Matter
Mater. Phys., 1993, 47, 8471.

37 D. B. Loomer, T. A. Al, L. Weaver and S. Cogswell, Am.
Mineral., 2007, 92, 72–79.

38 Z. Wang, J. Yin and Y. Jiang, Micron, 2000, 31, 571–580.
39 H. Schmid and W. Mader, Micron, 2006, 37, 426–432.
40 H. Kurata and C. Colliex, Phys. Rev. B: Condens. Matter Mater.

Phys., 1993, 48, 2102–2108.
41 M. Nord, P. Vullum, M. Moreau, J. Boschker, S. Selbach,

R. Holmestad and T. Tybell, Appl. Phys. Lett., 2015, 106,
041604.

42 A. Kobrinskii, A. Goldman, M. Varela and S. Pennycook,
Phys. Rev. B: Condens. Matter Mater. Phys., 2009, 79, 094405.

43 S. Venkatesan, M. Döblinger, C. Daumont, B. Kooi,
B. Noheda, J. De Hosson and C. Scheu, Appl. Phys. Lett.,
2011, 99, 222902.

44 V. Hien-Hoang, N.-K. Chung and H.-J. Kim, Sci. Rep., 2021,
11, 5391.
© 2023 The Author(s). Published by the Royal Society of Chemistry
45 E. Navickas, Y. Chen, Q. Lu, W. Wallisch, T. M. Huber,
J. Bernardi, M. Stöger-Pollach, G. Friedbacher, H. Hutter
and B. Yildiz, ACS Nano, 2017, 11, 11475–11487.

46 R. G. Palgrave, P. Borisov, M. S. Dyer, S. R. McMitchell,
G. R. Darling, J. B. Claridge, M. Batuk, H. Tan, H. Tian and
J. Verbeeck, J. Am. Chem. Soc., 2012, 134, 7700–7714.

47 Y. Wang, U. Salzberger, W. Sigle, Y. E. Suyolcu and P. A. van
Aken, Ultramicroscopy, 2016, 168, 46–52.

48 E. Stoyanov, F. Langenhorst and G. Steinle-Neumann, Am.
Mineral., 2007, 92, 577–586.

49 A. Ohtomo and H. J. N. Hwang, Nature, 2006, 441, 120–121.
50 F. Cossu, J. Jilili and U. Schwingenschlögl, Adv. Mater.

Interfaces, 2014, 1, 1400057.
51 H. Banerjee and M. Aichhorn, Phys. Rev. B: Condens. Matter

Mater. Phys., 2020, 101, 241112.
52 M. Molinari, D. A. Tompsett, S. C. Parker, F. Azough and

R. Freer, J. Mater. Chem. A, 2014, 2, 14109–14117.
53 W. Bao, J. Axe, C. Chen and S. Cheong, Phys. Rev. Lett., 1997,

78, 543.
54 N. Loshkareva, A. Korolev, N. Solin, E. Mostovshchikova,

S. Naumov and A. Balbashov, J. Exp. Theor. Phys., 2006,
102, 248–257.

55 N. Loshkareva, A. Korolev, T. Arbuzova, N. Solin,
A. Balbashov, N. Kostromitina and Metallography, Phys.
Met., 2007, 103, 251–260.

56 N. Loshkareva, A. Korolev, N. Solin, E. Mostovshchikova,
S. Naumov, N. Kostromitina and A. Balbashov, J. Exp.
Theor. Phys., 2009, 108, 88–97.

57 N. Loshkareva, N. Mushnikov, A. Korolev and A. Balbashov,
Phys. Solid State, 2009, 51, 773–777.

58 C. Adamo, X. Ke, H. Wang, H. Xin, T. Heeg, M. Hawley,
W. Zander, J. Schubert, P. Schiffer and D. Muller, Appl.
Phys. Lett., 2009, 95, 112504.
Nanoscale Adv., 2023, 5, 3887–3895 | 3895

http://creativecommons.org/licenses/by/3.0/
http://creativecommons.org/licenses/by/3.0/
https://doi.org/10.1039/d3na00206c

	Strain-induced Mn valence state variation in CaMnO3tnqh_x2212tnqh_x03B4/substrate interfaces: electronic reconstruction versus oxygen vacancies
	Strain-induced Mn valence state variation in CaMnO3tnqh_x2212tnqh_x03B4/substrate interfaces: electronic reconstruction versus oxygen vacancies
	Strain-induced Mn valence state variation in CaMnO3tnqh_x2212tnqh_x03B4/substrate interfaces: electronic reconstruction versus oxygen vacancies
	Strain-induced Mn valence state variation in CaMnO3tnqh_x2212tnqh_x03B4/substrate interfaces: electronic reconstruction versus oxygen vacancies
	Strain-induced Mn valence state variation in CaMnO3tnqh_x2212tnqh_x03B4/substrate interfaces: electronic reconstruction versus oxygen vacancies
	Strain-induced Mn valence state variation in CaMnO3tnqh_x2212tnqh_x03B4/substrate interfaces: electronic reconstruction versus oxygen vacancies
	Strain-induced Mn valence state variation in CaMnO3tnqh_x2212tnqh_x03B4/substrate interfaces: electronic reconstruction versus oxygen vacancies
	Strain-induced Mn valence state variation in CaMnO3tnqh_x2212tnqh_x03B4/substrate interfaces: electronic reconstruction versus oxygen vacancies


